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Orientation-dependent mechanical properties and
deformation morphologies for uniaxially
melt-extruded high-density polyethylene films
having an initial stacked lamellar texture
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The mechanical properties and the associated plastically deformed morphologies of high
density polyethylene films were investigated by tensile testing, wide-angle X-ray scattering
and transmission electron microscopy. Uniaxially oriented films having a well-defined
stacked lamellar morphology, both with and without row-nucleated structure were
deformed at three angles, 0°, 45° and 90°, with respect to the original machine (extrusion)
direction. A distinct orientation dependence of the mechanical properties was observed and
this dependence has been related to the different morphologies developed during the plastic
deformation processes. It was shown that lamellar separation, lamellar shear and lamellar
break-up were the dominant initial deformation mechanisms for the respective 0°, 45° and
90° deformations. As a result, the 45° and 90° deformations generated a final microfibril
morphology oriented along the stretch direction, while the 0° deformation resulted in broken
blocks of crystalline lamellae. The presence of distinct row-nucleated crystalline fibrils in the
initial structure stiffens the material in the 0° deformation; however, it significantly limits the
ability of the materials to cold draw at the 90° deformation. Morphological models were
proposed to explain the plastic deformation process for the different deformation angles, as

well as for the deformation behaviour of semicrystalline polymers with an isotropic

spherulitic morphology.

1. Introduction

Polymers represent a very important and still rapidly
growing class of engineering materials. Among them,
semicrystalline polymers are of particular interest.
Often, their remarkable drawability makes it possible
to highly orient them in the solid state. Solid-state
processing techniques, such as drawing fibres or
stretching films, depend upon the plastic deformation
characteristics of the given polymer. During solid-
state processing, macromolecular chains are often
preferentially oriented along a specific direction, e.g.,
the machine direction, so that the final products pos-
sess the desired properties at a particular orientation,
this generally being the loading direction in most
applications. From an engineering point of view, in
order to manipulate the final properties of the mater-
ials, it is important to understand the physical orienta-
tion process and therefore to be able to control the
orientation state of both the crystalline and the
amorphous phases. On the other hand, the detailed
molecular rearrangement in the process of plastic de-
formation is also an interesting topic for fundamental
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research. Thus, it is not surprising that there has been
a tremendous amount of research that has been
focused on this area [1-10].

Semicrystalline polymers that crystallize under qui-
escent conditions often have a spherulitic morpho-
logy. For these unoriented semicrystalline polymers,
there are three basic levels of microstructures that are
important in the deformation process [11]: (i) the
2-20 A level, which represents the interactions be-
tween neighbouring chain segments in both the cry-
stalline phase and the amorphous phase; (ii) the
100-300 A level, which represents the thickness of the
crystalline lamellae and of the amorphous layers be-
tween the crystalline lamellae; (iii) the 0.5-100 um
level, which represents the dimension of larger-scale
superstructures such as spherulites, which are complex
arrangements of crystalline lamellae and amorphous
regions. Therefore, semicrystalline polymers possess-
ing a spherulitic morphology must be regarded as
microstructural and mechanical complex systems,
as depicted in Fig. 1 (according to [12]), in which all
the three subregions of a spherulite influence the
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Figure 1 A schematic drawing that shows the complexity in the
deformation of spherulitic morphology.

deformation process. Certainly, there are cases where
all the above three levels are not always present such
as semicrystalline polymers that have already under-
gone extensive drawing.

A variety of experimental techniques have been
utilized to investigate the morphological changes
during the plastic deformation process at the three
structural levels: optical microscopy [13], scanning
electron microscopy (SEM) [14-17], transmission
electron microscopy (TEM) [18-27], atomic force
microscopy (AFM) [28-30], electron diffraction [31,
32], small-angle light scattering (SALS) [33], wide-
angle X-ray scattering (WAXS) and small-angle X-ray
scattering (SAXS) [34-50], small-angle neutron scat-
tering (SANS) [51-54], infrared spectroscopy [41, 55],
Raman spectroscopy [41, 45, 56], electron paramag-
netic resonance [ 57], differential scanning calorimetry
(DSC) [58], dynamic mechanical thermal analysis
[59], stress—strain deformation [60] and microhard-
ness [61]. Most of the studies quoted above have
utilized high-density polyethylene (HDPE) as a model
material because of not only its high commercial im-
portance but also its relatively simple backbone chem-
ical structure and better understood crystallization
behaviour and morphology as well.

In the following paragraphs, and utilizing HDPE as
the principal example, a brief overview is provided to
summarize the current understanding about the defor-
mation mechanisms and the final morphologies for
semicrystalline polymers, obtained primarily by X-ray
scattering and electron microscopy studies. More
thorough and detailed reviews can be obtained from
[1-10], especially [2, 3, 8]. By combining the use of
SAXS and WAXS, either real-time or via post-deforma-
tion investigations, it has been possible to detect the
deformation processes at the crystalline lamellae and
amorphous interlayer level as well as at the crystallo-
graphic level. With the help of electron microscopy,
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particularly TEM, more details of the locally de-
formed morphologies of crystalline lamellae have been
observed and have generally confirmed the deforma-
tion mechanisms proposed on the basis of X-ray
scattering experiments.

According to the theory of crystal plasticity, which
was originally developed for metals, plastic deforma-
tion at the crystallographic level can be achieved by
three different mechanisms, namely, slip, mechanical
twinning and martensitic phase transformation
[34-36]. Furthermore, the plastic deformation of
semicrystalline polymers has also been considered as
a decrystallization process, defined as mechanically
induced destruction of crystalline lamellae (unfolding)
followed by a recrystallization process [17, 517]. These
two interpretations have been supported by some
experimental results, but neither has successfully ex-
plained all the experimental observations. It appears
that, at least for HDPE, yielding at or near room
temperature is basically controlled by crystal plastic-
ity processes while, for large post-yielding deforma-
tions, decrystallization and recrystallization are
involved. However, by examining the final morpho-
logy of the deformed material, it seems impossible to
distinguish the mechanisms by which the deformation
may have occurred. Therefore, other techniques such
as mechanical testing have to be used in conjunction
with scattering and microscopy to understand this
topic better.

(i) Slip. When the resolved shear stress on a par-
ticular slip plane in specific slip directions for a given
crystal is larger than that of the critical shear stress for
the slip system, dislocation motion occurs. The specu-
lations about the existence of dislocations in polymer
crystals has been confirmed by the formation of moiré
fringes between crystalline lamellae by direct observa-
tion as well as by electron microscopy [32]. The long-
chain nature of polymer crystals requires that the most
preferred slip plane contains the polymer chains,
meaning that the slip planes must be of the {hkO0}
types (assuming that the ¢ axis is parallel to the chain
axis and chain folding is of tight folds) such that the
polymer chains remain unbroken during slip. Slip can
be either in the chain direction (chain slip), which is the
dominant event, or perpendicular to the chain direc-
tion (transverse slip), which is further restricted to the
chain-folding planes to prevent the disruption of the
chain folds of the crystalline lamellae. It is expected
that chain slip must be influenced by the nature of
chain folding, such as fold tightness and chain re-
entry. It is also expected that crystallization kinetics
can affect the feasibility of chain slip, i.e., it is certainly
easier for chain slip to take place if the crystallization
is confined within regime I, compared with the cases of
regimes II and III, assuming the crystallization can be
described by the regime theory [62].

From the WAXS and SAXS studies on stretched
HDPE [35, 397, chain slip has been proposed to occur
by two different routes for a slip system to achieve the
same amount of strain. Deformation can be introduc-
ed by fine slip, where a small amount of slip occurs
equally on a large number of parallel planes. On the
contrary, the deformation can also be generated by



coarse slip (block slip), where slip takes place on fewer
number of planes with a large amount of slip. Micro-
scopically, fine slip results in a change in the angle
between the molecular chain axis and the normal of
the crystalline lamella, whereas for coarse slip this
angle remains unchanged.

(i) Mechanical twinning and martensitic phase
transformation. According to the theory of crystal
plasticity, other deformation modes, namely, mechan-
ical twinning and martensitic phase transformation,
can also produce plastic strain. Mechanical twinning
is characterized by shearing part of a crystal with
respect to a shear plane which is common for both the
product and the parent crystals. The result of this is
the formation of mirror symmetry with respect to the
shear plane. Martensitic phase transformation is
a strain-induced phase transition, where the product
phase and the parent phase share a common invariant
plane and/or a common invariant direction. Mechan-
ical twinning has been detected on rolled HDPE by
WAXS [34, 36], and the development of a monoclinic
crystalline phase as a result of a martensitic phase
transformation has also been found in the same study
[36] as well as in other investigations for the cold-
drawn polyethylene [41, 44—47, 49].

Again, the long-chain nature of polymers limits the
shear and invariant planes for the mechanical twinn-
ing and martensitic phase transformation to the
{hk0} types. For HDPE, the proposed shear planes
include {310} and {110}, which result in lattice rota-
tions about the chain axis by 55° and — 67°, respec-
tively. For martensitic phase transformation, the
orthorhombic crystalline structure (a = 0.742nm,
b =0.495nm and ¢ = 0.254nm) is transformed into
the monoclinic crystalline structure (¢ = 0.809 nm,
b =0.479nm and ¢ = 0.254nm; y = 107.9°) at a shear
strain of either 0.201 or 0.318, corresponding to two
types of shear that can most favourably result in the
transformation from the orthorhombic unit cell to
that of the monoclinic unit cell [63]. It is necessary
to point out, however, that the amount of strain pro-
duced by the latter two deformation modes are less
than that from chain slip.

(i) Decrystallization and recrystallization pro-
cesses. According to this proposal, the dominant
mechanism for yielding and further plastic deforma-
tion for semicrystalline polymers are sequential events
of partial or local melting, stretching of the melted
polymer chains, and recrystallization under the ap-
plied stress. When a polymer yields, the local temper-
ature may rise through viscous heating in that region
that undergoes necking, and this may cause the
melting of crystalline lamellae in the necked region.
The chains in the melt are then stretched towards the
direction of the applied stress and finally recrystallize
into an oriented microfibrillar crystalline phase. This
process continues as necking proceeds along the speci-
men. By this route the original (spherulitic) structure is
converted into a highly oriented microfibril structure
which contains alternating crystalline lamellae and
amorphous regions.

At the crystalline lamella and amorphous layer
level, semicrystalline polymers can be regarded as con-

sisting of crystalline lamellae separated by an amorph-
ous phase and held together by tie chains, although
the nature of the chain-folding surface and the adjac-
ent amorphous phase as well as the exact physical
state of the tie chains are still not completely under-
stood owing to their complex dependence on chain
chemistry, crystallization kinetics, processing, etc. In
the light of the above consideration, three deformation
modes, namely lamellar shear, lamellar separation and
lamellar rotation, have been postulated as being asso-
ciated with the deformation at this structural level.

(a) Lamellar shear. This deformation mode in-
volves a simple shear of the amorphous regions be-
tween the crystalline lamellae, with the shear direction
being parallel to the lateral direction of the crystalline
lamellae. This deformation mode has been observed
by SAXS for rolled HDPE [38]. It is believed that this
deformation mode is relatively easy to induce since the
amorphous phase is in a rubbery state at ambient
temperature for HDPE. Also, it is interesting that
WAXS and SAXS results suggest that, during the
deformation process, lamellar shear and chain slip,
which are relatively easy to promote, are in competi-
tion, i.e., lamellar shear-induced rotation of crystalline
lamellac towards the applied stress direction and
chain-slip induced rotation of chains towards the
same stress direction provide constraints on each
other [37].

(b) Lamellar separation. In the same experiments in
which lamellar shear has been proposed [37, 38], the
total change in the long spacing calculated from the
SAXS data did not match that due to chain slip
(corrected by chain tilting); therefore, lamellar separ-
ation was proposed and has successfully explained the
experimental results. This deformation mode has been
shown to be especially valid in the deformation of
hard-elastic fibres owing to the special stacked lamel-
lar morphology possessed by these fibres [25]. For
HDPE, this deformation mode was found to be highly
reversible, and this was believed to be due to the
rubbery state of the amorphous phase [37]. In the case
of hard-elastic fibres, the processes of elastic bending
of the crystalline lamellae as well as an opening or
splaying of the amorphous phase between the crystal-
line lamellae (resulting in a localized decrease in den-
sity) have been proposed [25].

(¢) Lamellar rotation. The existence of this kind of
deformation mode has initially been speculated to
explain the fact that semicrystalline polymers can be
deformed relatively easily, regardless of the fact that
they rarely possess five independent slip systems
which are necessary for a crystal to be deformed on the
basis of crystal plasticity theory [64]. Later, such
deformation was indeed observed by SAXS [37] and
SEM [14] on stretched HDPE. In order to accom-
modate any structural distortion, it is often necessary
for the crystalline lamellae to rotate in the process of
deformation [6]. For HDPE, the rubbery amorphous
phase makes it much easier for this to occur at room
temperature. Therefore, although lamellar rotation
does not produce any major strain by itself, it serves as
an important process in which the crystalline lamellae
can adjust themselves during the deformation process
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to generate a larger amount of strain in the amor-
phous phase.

Based on both X-ray scattering and electron
microscopy studies, several morphological models
have been proposed to describe the plastic deforma-
tion process for semicrystalline polymers, more spe-
cifically the drawing process that transforms an
isotropic spherulitic structure into a microfibril struc-
ture [65—70]. All the models share some of the basic
deformation stages, while the differences lie in the
elements of the final morphology as well as their
origins. The basic deformation processes have been
proposed as follows: the stressed spherulitic lamellae
shear into crystal blocks by chain slip; then the crystal
blocks rotate such that the polymer chains align to-
wards the local principal stress directions. During this
transition, the crystal blocks decrease in width, by
chain slip and/or lamellar break-up (unfolding of cry-
stalline lamellae), until a microfibrillar structure is
formed, which is the basic structural element of these
models.

In Peterlin’s [65] model, the microfibrils are con-
sidered as being composed of alternating crystal
blocks and amorphous regions connected by taut tie
chains. Therefore, the modulus of a drawn semicrys-
talline polymers along the drawing direction is pro-
portional to the number of the taut tie chains which
serve as load transfer agents. Similar models have also
been proposed by Prevorsek et al. [66] and Fischer
and Goddar [67], in which the amount of the taut tie
chains was related to the draw ratio of the respective
drawn material. However, Porter [68] and Clark and
Scott [69] suggested a different kind of extended-
chain model, in which the microfibrils are considered
as an extended-chain crystalline phase with chain ends
being incorporated into the crystalline phase as de-
fects. This type of model has been used to explain the
ultrahigh modulus of the ultradrawn fibres. Further-
more, Clements et al. [70] proposed a third kind
of model, which somewhat combines both features of
microfibril models and the extended-chain model, i.e.,
the morphology of highly drawn semicrystalline poly-
mers consists of stacks of crystalline lamellae linked by
short crystalline bridges, in which polymer chains are
in an extended-chain conformation. This model has
also been used to explain the enhanced modulus of
highly drawn fibres.

Given the above-mentioned massive, fruitful and
sometimes imaginative investigations, there is still
a need to display or observe clearly the development
of the morphological changes during the deformation
process for general semicrystalline polymers and,
more importantly, to relate the observed morphology
to the relevant mechanical properties of the materials.
In most deformation studies on semicrystalline poly-
mers, the WAXS and SAXS results have not been
directly related to mechanical properties, i.e., the sam-
ples used for the mechanical tests and those for WAXS
and SAXS experiments were either different or the
same but without knowing the precise amount of
strain. Although there were studies in which such an
effort has been made [43, 47], they lacked direct sup-
port from either electron microscopy studies or mech-
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anical testing. For the TEM studies, the majority of
the investigations have utilized specially prepared
ultrathin ultradrawn films that are suitable for direct
TEM observation [32]. Although such films are excel-
lent for direct visualization, they have often possessed
a shish-kebab morphology, and the presence of the
shishes certainly influences the deformation morpho-
logy and mechanical property of the films (see later
discussion in this paper as well). Therefore, the con-
clusions drawn from the studies that have made use of
the ultrathin ultradrawn films need to be further con-
firmed by comparable investigations by utilizing other
more conventional morphological systems. Addition-
ally, it is also hard to conduct mechanical tests on
ultrathin films, although such a measurement has been
reported [20].

In the study now presented, HDPE films having
simple and well-defined stacked lamellar morphology,
either with or without a distinct presence of row-nu-
cleated fibril structure, have been utilized as model
materials to elucidate and demonstrate the mor-
phological changes during the process of plastic defor-
mation. In addition, the microscopic morphologies
developed during the deformation, as revealed by
WAXS and TEM, have been related to the macro-
scopic properties, as measured by direct tensile tests.
The samples for the WAXS and TEM studies were
deformed to specific amount of strain according to the
corresponding stress—strain curves. The mechanical
properties have been explained by the development of
the deformation-induced morphologies. The specific
morphological features of these films also allowed us
to carry out plastic deformation at different orienta-
tions with respect to the original machine direction; it
is possible, therefore, not only to present a model
structure—property study about the effect of orienta-
tion on the deformation morphology and the mechan-
ical properties, but also to mimic partially the
heterogeneous (position-dependent) deformation pro-
cess that one encounters in the spherulitic morpho-
logy. Furthermore, with the availability of comparable
materials either with or without the presence of a
distinct row-nucleated fibril structure, it is also pos-
sible to understand how the mechanical property and
the deformation morphology are influenced by this
structure.

2. Experimental procedure

2.1. Materials

The HDPE materials used in this study were based on
two resins having the same number-averaged molecu-
lar weight of 14500 gmol ! but different weight-
average molecular weights of 150 000 gmol ™~ * (resin 1)
and 219000 gmol ™! (resin 2). The melt-extruded films
of 25.4 um thick were kindly provided by Hoechst
Celanese Co. Both precursor films (melt-extruded
films) and annealed films (passing the same precursor
films through a heating oven at 120 °C with certain
on-line speed, under about 3% tensile strain, which
allows the material to stay at this temperature for
about 20 min) were investigated. Films based on resin 1
are designated Pre-1 and Anl-1 for the precursor and



annealed films, respectively, and films based on resin
2 are designated as Pre-2 and Anl-2 for the precursor
and the annecaled films, respectively. Under similar
extrusion conditions, both precursor films were quite
highly uniaxially oriented. This was quantified by de-
termination of the Hermans orientation function, f,
for the crystalline phase using X-ray scattering, where
f. is defined as

(3¢cos?0) — 1) (1)

N =

fo=

In Equation 1, the quantity {cos®0) represents the
average value of cos? 0, with 0 being the angle between
the ¢ axis in the crystal (chain axis direction) and the
machine direction (MD). The crystalline orientation
function, f;, calculated from the WAXS patterns are
0.67 and 0.71 for the Pre-1 and Pre-2 films, respective-
ly. The corresponding annealed films (Anl-1 and Anl-
2) had a slightly higher crystalline phase orientation
state, with f; increased to 0.80 and 0.81, respectively.
The films based on resin 1 (both Pre-1 and Anl-1) had
a stacked lamellar morphology with no sign of row
structures as detected by both WAXS and TEM,
whereas the films based on resin 2 (both Pre-2 and
Anl-2) possessed a morphology which contained
a very distinguishable amount of row-nucleated fibril
structures in the matrix of stacked lamellae, the exist-
ence of the row-nucleated fibril structure having been
verified by both WAXS and TEM. A detailed invest-
igation on the morphology and orientation state of the
undeformed “as-processed” HDPE films used in this
study has been recently published elsewhere [71, 72].

2.2. Mechanical properties and plastic
deformations

Stress—strain curves for all the HDPE films were ob-
tained by utilizing an Instron (model 1122) at ambient
conditions with a cross-head speed of 15 mmmin~".
Dogbone-shaped samples of size 23 mm x 8 mm were
used for the stress—strain tests, and they were cut
directly from the HDPE films at one of three angles,
0°, 45° and 90°, with respect to the original MD.
Tensile tests were carried out for samples at each angle
and are designated as 0°, 45° and 90° deformations
accordingly. For each stretch angle, samples with dif-
ferent amounts of plastic deformation (just beyond
the yield point, the break point, and one or two points
between the two extremes) were obtained by stretch-
ing the dogbone samples up to specific strains as
determined from the corresponding stress—strain
curves. These deformed samples were then used for the
WAXS and TEM studies.

2.3. Wide-angle X-ray scattering

All the WAXS experiments were performed by utiliz-
ing a Philips tabletop X-ray generator (model
PW1720) with CuKa irradiation (A = 0.154 nm) and
equipped with a standard vacuum-sealed Warhus
photographic pinhole camera. The instrument was

operated at 40 kV and 50 mA. For undeformed films,
stacks of multiple layers of films were used as samples
for the experiments. For deformed (stretched) films,
however, in order to minimize the effect of misalign-
ment in stacking the samples, only single-layer films
with known strains were used as samples for the ex-
periments. In this case, the sample was stretched to
a designated strain and held for a certain period of
time to allow about 30% of the instantaneous stress to
relax; this large amount of relaxation is due to the
“springy characteristic”’ of these somewhat hard-
elastic-type materials and it has also been noted by
others [25]. The same samples were saved for later use
in the TEM study.

2.4. Transmission electron microscopy

The samples for TEM studies were prepared from the
stretched samples possessing a specific amount of
strain. These samples were stained with chlorosul-
phonic acid at 60°C for 6 h, and then they were
washed with sulfuric acid and water. In order to pre-
vent the samples from curling in the staining process,
the samples were clipped between two glass plates
while staining. However, the sample still shrunk some-
what after staining because of the large amount of
plastic deformation that the sample had undergone
within the prior mechanical test. The stained samples
were embedded in an epoxy resin and cured at 65°C
overnight. The embedded samples were microtomed
at room temperature with a diamond knife; thin
sections of about 80 nm were collected and used for
the TEM study. The microtoming direction was paral-
lel to the stretch direction (SD). The TEM studies were
performed using a Philips EM420 microscope oper-
ated at 100 kV.

3. Results

Fig. 2 shows the WAXS patterns for the Pre-1 and
Pre-2 films, with the incident X-ray beam perpendicu-
lar to the MD in Fig. 2a and ¢ and parallel to the MD
in Fig. 2b and d. It can clearly be seen that the
crystalline phase of the two films are well oriented
along the MD, with the (1 10), and (2 00), reflections
more or less concentrated towards the equatorial re-
gion (Fig. 2a and c), where the subscript o stands for
the orthorhombic crystalline structure of HDPE (to
differentiate the reflections from the monoclinic struc-
ture, as will be seen later). From Fig. 2b and d, one sees
that the (110), and (200), reflections are quite uni-
formly distributed azimuthally, implying a random
orientation state of the crystalline lamellac in the
plane perpendicular to the MD. Therefore, the ¢ axis
(chain axis) in the crystal can be considered as quite
uniaxially oriented with respect to the MD (i.e., cylin-
drical symmetry). In addition, the WAXS patterns for
the Pre-2 films (Fig. 2c) shows highly concentrated
reflections at the equator superimposed on broader or
more azimuthally spread reflections of the same Bragg
planes, implying the existence of a second population
of highly oriented crystalline structures along the MD.
No such high-intensity spots were observed for the
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Figure 2 WAXS patterns for (a), (b) the Pre-1 and (c), (d) the Pre-2 films, for the X-ray beam (a), (c) perpendicular to the MD, and (b), (d)

parallel to the MD.

Pre-1 film (Fig. 2a). It should be pointed out that the
calculation of the crystalline orientation function, f;,
which is based on the azimuthal position of the reflec-
tion arcs in the WAXS patterns, did not take into
account these latter azimuthally concentrated reflec-
tion spots for the R2 films.

Fig. 3a and b are transmission electron micrographs
for the Anl-1 and Anl-2 films, respectively. Sample
Anl-1 displays a stacked lamellar morphology while,
for sample Anl-2, row-nucleated fibril structures are
unambiguously revealed in addition to the well-
stacked lamellae. The same kinds of morphology were
observed for the respective precursor films of Pre-1
and Pre-2, except that the contrast for the precursor
films is not as sharp as that for the annealed films, and
the average thickness of the crystalline lamellae for the
precursor films is less than that for the annealed films.
The increase in lamellar thickness for the annealed
films is due to lamellar thickening in the annealing
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process at 120 °C for about 20 min, and it has also
been detected by SAXS, AFM and DSC in an earlier
study [73]. The existence of the row-nucleated fibril
structure observed within the R2 film morphology is
responsible for the high-intensity scattering spots at
the equator of the WAXS patterns for these materials,
such as Fig. 2¢ for the Pre-2 film.

3.1. Stress—strain curves of the high-density
polyethylene films
Shown in Fig. 4a and b are the stress—strain curves at
the 0°, 45° and 90° deformations for the Pre-1 and
Anl-1 films, respectively. The same forms of data for
the Pre-2 and Anl-2 films are shown in Fig. 4¢c and d.
These data clearly demonstrate the dramatic differ-
ences in the mechanical properties of these films, parti-
cularly those with and without row structures and



Figure 3 Transmission electron micrographs for (a) the Anl-1 and (b) the Anl-2 films.
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Figure 4 Stress-strain curves for (a) the Pre-1, (b) the Anl-1, (c) the Pre-2 and (d) the Anl-2 films.

those with or without thermal annealing. The proper-
ties of Young’s modulus, E, yield stress, o,, and strain,
g,, cold-drawn stress, o4, and strain, g4, break stress,
oy, and strain, g,, determined from these curves are
listed in Table I and will be discussed later.

For the 0° deformation, after yielding, which in this
case is denoted by where a deviation from initial lin-
earity occurs, all the samples displayed a significant
degree of strain hardening, indicated by the large
positive slopes following yielding. That is, no neck
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TABLE I Values of Young’s modulus, E, yield stress, o, and strain, &,, cold-drawing stress, 64, breaking stress, oy, and strain, g, for the

four HDPE films investigated

Property Orientation Value for the following films
(units) (deg)
Pre-1 Anl-1 Pre-2 Anl-2
E (MPa) 0 530 920 892 1500
45 290 430 395 460
90 750 940 1040 1600
o, (MPa) 0 35 36 55 56
45 23 27 28 31
90 30 35 33 28
g, (%) 0 8 6 10 8
45 14 9 3 11
90 3 3 15 3
o4 (MPa) 0 — — — —
45 22 32 26 28
90 22 32 26 27
o, (MPa) 0 72 98 82 102
45 >26 > 38 > 38 >35
90 >24 32 30 27
& (%) 0 220 185 170 125
45 350 > 380 >410 > 360
90 > 960 350 185 32

(b)

formation was found over the entire deformation.
However, strain whitening was found in the neigh-
bourhood of yielding for all the samples. For the 90°
deformation, all samples displayed a very different
yielding style, a sharp “conventional” yield peak, com-
pared with the case of 0° deformation, and necked at
very early stages of the deformation (less than 5%
strain); they then underwent cold drawing to different
amount of strains for different samples. Eventually,
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Figure 5 WAXS patterns for the Pre-1 film for the 0° deformation at
(a) e = 15%, (b) € = 100% and (c) ¢ = 180%. Both the MD and the
SD are vertical.

the samples broke in a “brittle” fashion with no or
a slight amount of strain hardening. Also noticed is
the uneven feature of these stress—strain curves in the
drawing region, particularly for the Pre-1 and Pre-2
films. The 45° deformation showed a behaviour which
is similar to those of unoriented semicrystalline poly-
mers with a spherulitic morphology, i.e., a well-defined
local yielding maximum, strain softening, cold draw-
ing and finally strain hardening before failure. Neck-
ing took place by shear at about 45° to the SD. At the
last stage of deformation, the samples failed by tearing
slowly at the end of the clamps, shown as downward
tails at the end of the respective stress—strain curve.

3.2. Wide-angle X-ray spectroscopy results
Fig. 5a,b and c are the WAXS patterns for the Pre-1
films deformed at the 0° stretch to strains of 15%,



100% and 180%, respectively. Comparing these
WAXS patterns with that pattern from the respective
undeformed sample (Fig. 2a), it can be seen that there
is a trend to increase the orientation state of the
crystalline phase, manifested by the more concen-
trated (110), and (200), scattering intensities in the
equatorial region. Additionally, it can also be seen,
from Fig. 5c, that there is an extra weak reflection
developed inside the (110), scattering, which is the
(100),, of the monoclinic crystalline phase of HDPE
due to the martensitic phase transformation. Fig. 6a,
b and ¢ are the WAXS patterns for the Pre-2 films
deformed at the 0° stretch to strains of 15%, 50% and
120%, respectively. In addition to the same trend
showing an increase in the orientation state of the

Figure 6 WAXS patterns for the Pre-2 film for the 0° deformation at
(a) € = 15%, (b) € = 50% and (c) € = 120%. Both the MD and the
SD are vertical.

crystalline phase in the process of plastic deformation,
the decrease (Fig. 6b) and disappearance (Fig. 6c) of
the intense scattering spots at the equator were also
clearly noticed. Interestingly, the existence of the
(100),, reflection is not observed at the highest strain
of 120%.

For the 90° stretch, the samples necked immediately
at about 3-5% strain, and what followed was the
expansion of the neck along the entire length direction
of the sample. It was expected that samples in the
necked region should essentially possess the same
kind of morphology. The WAXS patterns for the 90°
stretch for the Pre-1 and Pre-2 films are shown in
Fig. 7a and b, respectively; they show basically the
same general highly oriented state of the crystalline
phase with respect to the SD, which is now perpendicu-
lar to the original M D. 1t is also noted that the mono-
clinic crystalline phase exists in the necked region.

Fig. 8 and Fig. 9 present the morphological changes
for the 45° stretch for the Pre-1 and Pre-2 films,
respectively. For the Pre-1 film, at 30% strain
(Fig. 8a), there was no significant change in crystalline
orientation that has been found by WAXS. However,
at a strain of 60% (Fig. 8b), the WAXS patterns
became asymmetric, giving the (1 10), reflections in
Fig. 8b. The crystalline orientation state in this case is
not very different from that at 30% strain, judged
by the “spreading” of the (110), reflection, but the

Figure 7 WAXS patterns for (a) the Pre-1 and (b) the Pre-2 films for
the 90° deformations. The original MD is horizontal, and the SD is
vertical.
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Figure 8 WAXS patterns for the Pre-1 film for the 45° deformation
at (a) e = 30%, (b) e = 60% and (c) ¢ = 180%. Both the SD (stretch
direction) and the MD (extrusion direction) are shown in the figure.

rotation of crystalline lamellae towards the SD is
suspected; such a rotation can be speculated by
a change in the angular position of the (1 10), reflec-
tions with respect to the SD (as shown in Fig. 8b). At
a further strain of 180% (Fig. 8c), a new symmetric
scattering pattern with respect to the SD is now estab-
lished. Again, the monoclinic crystalline structure was
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Figure 9 WAXS patterns for the Pre-2 film for the 45° deformation
at (a) e = 25%, (b) e = 50% and (c) € = 150%. Both the SD (stretch
direction) and the MD (extrusion direction) are shown in the figure.

observed for the sample with 180% strain. A similar
trend of the formation of a new orientation state along
the SD was also observed for the Pre-2 film, as shown
in Fig. 9a, and in this case the rotation of crystalline
lamellae with respect to the SD, based on the above
conjecture, took place at the early stages of the defor-
mation (Fig. 9a).



3.3. Transmission electron microscopy
results

Fig. 10a and b present the transmission electron
micrographs for the Anl-1 and Anl-2 films at the
0° deformation with individual strains of 100% and
50%, respectively. For the stacked lamellar morpho-
logy (the Anl-1 film), broken blocks of the crystalline
lamellac are observed (Fig. 10a) while, for the row
containing morphology (the Anl-2 film), the localized
break-up of row-nucleated fibril structure is observed
(shown by the arrows in Fig. 10b). It can be seen that

the crystalline lamellae in the deformed samples
(Fig. 10) are not as well defined as those in the unde-
formed samples (Fig. 3), probably because of the large
amount of defects in the crystalline lamellae due to
plastic deformation. Samples with smaller amounts of
strains (just beyond the yield point) were also investi-
gated, but no significant changes could be seen by
TEM, possibly partially because of some sample
shrinkage during the staining treatment.

Fig. 11a and b present the dramatic morphological
changes at the sharp boundary of the necks for the

Figure 10 Transmission electron micrographs for (a) the Anl-1 film for the 0° deformation at € = 100% and (b) the Anl-2 film for the
0° deformation at € = 50%. The arrows shown in this figure indicate broken row-nucleated fibril structures.

Figure 11 Transmission electron micrographs showing the boundary of necked and un-necked regions for (a) the Anl-1 and (b) the Anl-2
films. Arrows A in (a) point to short broken white lines which indicate the presence of microfibril crystalline materials, and arrow B points to
a broken line which follows the sharp boundary of the necked and un-necked regions.
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Figure 12 Transmission electron micrographs for the 45° deforma-
tion for (a) the Anl-1 film at € =25% and (b) the Anl-2 film at
e = 30%.

Anl-1 and Anl-2 films, respectively, at the 90° defor-
mation. The top and bottom portions of each of these
micrographs represent the necked and un-necked re-
gions, respectively. There are also transition regions
between the necked and un-necked regions, but
the detailed features cannot be well resolved. For the
Anl-1 film (Fig. 11a), the un-necked region shows the
original stacked lamellar morphology oriented along
the MD, while the necked region displays consider-
able void fraction and broken white lines (shown by
arrows A in Fig. 11a) oriented along the SD; these
lines may be an indication of a microfibril crystalline
phase. For the Anl-2 film (Fig. 11b), the un-necked
region shows the crystalline lamellae and the row
structures along the SD while, in the necked region,
more and larger voids along the SD are seen without
the presence of the broken white lines. The crystalline
lamellae in the un-necked regions in Fig. 11a and b do
not look the same as those in Fig. 3 since the micro-
toming direction in this case is perpendicular to the
MD. Additionally, the plastic deformation can also
influence the lamellar morphology, as mentioned in
the case of the 0° deformation.

Fig. 12a and b are transmission electron micro-
graphs for the Anl-1 and Anl-2 films, each stretched
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Figure 13 Transmission electron micrographs for the 45° deforma-
tion for (a) the Anl-1 film at ¢ = 180% and (b) the Anl-2 film at
£ =150%.

at a 45° deformation. For the Anl-1 film (Fig. 12a),
at a low strain (about 25%), “shear-banding”-type
features are observed, which implies lamellar shear
deformation. However, for the Anl-2 film (Fig. 12b),
localized break-up of the row structures is noted.
Again, the crystalline lamellae deteriorate, and the
morphology observed by TEM becomes less and less
well defined as the deformation proceeded. Finally, at
a strain of 200%, a highly oriented morphology was
observed for both the Anl-1 and the Anl-2 films (Fig.
13a and b). However, the expected microfibril crystal-
line structure was not observed, and other fine tex-
tures in these micrographs cannot be addressed
unambiguously, owing to the absence of the original
MD. However, by using the knife marks on the sam-
ples and/or samples edges as an indication of the SD,
the rotation of the crystalline lamellae can indeed be
distinctly inferred.

4. Discussion

4.1. Young’s modulus at different
orientations

The variation in mechanical properties listed in

Table I can be explained by the specific initial



morphologies and also those developed during the
deformation processes of these HDPE films. We shall
first address Young’s modulus, since it depends on the
low-deformation elastic behaviour of the materials.
Structural models for the HDPE films will be estab-
lished according to the morphological features of the
films and will also be utilized in the discussion of the
other properties associated with the plastic deforma-
tion of the materials.

For the films based on resin 1 (Pre-1 and Anl-1), the
crystalline lamellae are uniaxially oriented with the
lamellar normal preferentially aligned parallel to
the MD. Therefore, as a first approximation, these
specific materials based on resin 1 can be considered
as a “laminated composite” of a hard crystalline phase
and a soft amorphous phase stacked along the MD. At
the 0° deformation, the material can be considered as
the composite being deformed in an iso-stress case, i.e.,
the crystalline phase and the amorphous phase are
deformed in series; therefore the modulus is domin-
ated by that of the soft amorphous phase. On the
other hand, at the 90° deformation, the material can
be considered as the composite being deformed in an
iso-strain case, i.e., the crystalline phase and the
amorphous phase are deformed in parallel; therefore
the modulus is dominated by that of the hard crystal-
line phase. Thus, although the modulus of the
crystalline phase (lamellae) at the 90° orientation (per-
pendicular to the chain direction) is much less than
that at the 0° orientation (more parallel to the chain
direction), the modulus for the sample at the 90°
orientation is higher than that for the sample at the
0° orientation. As for the 45° deformation, since there
is a maximum resolved shear stress in the plane of the
crystalline lamellae, interlamellar shear is the most
probable deformation event, and this results in an
even smaller modulus at this particular orientation
than those for the 0° and 90° deformations.

For the films based on resin 2 (Pre-2 and Anl-2), in
addition to the uniaxially oriented stacked crystalline
lamellae, many row-nucleated fibril structures also
exist, as observed directly by TEM. From previous
studies concerning HDPE films having a shish-kebab
morphology, three different structural models have
been proposed, i.e., interlocking lamellae [74], fibre-
reinforced composite [75] and crystalline network
[76]. We select the fibre-reinforced composite model
for use in this study, since it best represents the struc-
tural features of these materials shown by the trans-
mission electron micrograph in Fig. 3b; additionally,
this model is closely coupled to the laminated com-
posite model proposed for the stacked lamellar
morphology.

The row structures in the films based on resin
2 serve as reinforcement fibres having a large aspect
ratio (Fig. 3b) in the MD, and this gives rise to the
higher modulus at the 0° deformation, compared with
that for the films based on resin 1 (the Pre-2 film
versus the Pre-1 film as well as the Anl-2 film versus
the Anl-1 film). However, at 90° deformation, the
strengthening effect of the row structures (fibre rein-
forcements) is not as effective as for the 0° deforma-
tion; therefore, the increase in Young’s modulus at this

orientation is not as significant as that for the 0° defor-
mation, again comparing Young’s modulus for the
Pre-2 film with that for the Pre-1 film and comparing
Young’s modulus for the Anl-2 film with that for the
Anl-1 film. For the 45° deformation, although limited
by the existence of the row structures, lamellar shear
still dominated in the initial stage of the deformation,
and this gives rise to the lowest modulus of the three
deformation orientations. We realize that the above
analysis is somewhat qualitative and may not be fully
correct owing to the small difference in the crystalline
orientation state (f; values) possessed by these two
films.

4.2. Plastic deformation morphologies at
different orientations

Other properties, namely, yield stress, o, and strain,
g,, cold-drawn stress, 4, and strain, g4, and break
stress, oy, and strain, g,, are related to the plastic
deformation behaviour of the materials. As can be
seen from the stress—strain curves in Fig. 4, the mech-
anical behaviour of the films strongly depended on the
orientation of the deformation, and they will be dis-
cussed separately below. Other factors, such as mo-
lecular weight distribution, thermal annealing and
orientation state of the crystalline phase, will also
certainly affect these properties; however, they will not
be discussed in this report.

4.2.1. 0° deformation

Considering the “laminated composite” model pro-
posed earlier for films based on resin 1, its deformation
along the MD would occur by lamellar separation.
Such a deformation mechanism can be justified by the
appearance of strain whitening for samples stretched
along the MD and the disappearance of such a phe-
nomenon for relaxed samples upon removal of the
stress. Similar statements have been made from the
deformation studies on other hard-elastic polyethy-
lene [25] and polypropylene [77], which have a sim-
ilar morphology to the resin 1 samples deformed
along the MD. Lamellar separation cause crystalline
lamellae to “open up” or splay, and this results in the
strain whitening shown by all the samples. As the
deformation proceeded, the crystalline lamellae have
to be deformed to generate higher strains, and this
promotes yielding of the sample. Since the ¢ axis in the
crystal is more or less oriented along the stress direc-
tion (MD), chain slip is the dominant deformation
mode for the crystalline phase, especially [100] chain
slip. The slip of the crystalline phase also causes the
large degree of strain hardening, as shown in the
stress—strain curves.

As mentioned earlier, chain slip can be achieved by
either fine slip or coarse slip; however, the physical
process for both types of slip is the same, i.e., sliding
between chains in polymer crystals. For fine slip, the
sliding is between chains in the same crystal unit cell
whereas, for the coarse slip, the sliding is believed to be
between chains at the boundary of the mosaic blocks
within the crystalline lamellae [78]. The result from
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TEM observations (Fig. 10a) suggested that coarse
slip has taken place, and by doing this the crystalline
lamellac were fragmented into much smaller crystal
blocks, which probably originate from the mosaic
blocks within the crystalline lamellae. The same obser-
vation of coarse-slip-induced fragmentation of large
crystalline lamellae has also been made by others [14].

As for the films based on resin 2, the existence of
row-nucleated fibril structure obviously affected the
initial stage of the deformation, as shown by the
higher values of Young’s modulus. However, the basic
plastic deformation processes described above were
not expected to change. Once the yield point was
passed, the row structures began to break up gradual-
ly at certain localized points (see Fig. 10b), indicating
that the fibril structure is not likely to be of a complete
extended-chain-type crystalline phase [79]. The
strengthening effect on the further plastic deformation
became less and less. From the stress—strain curves,
the films with and without row structures had similar
behaviours from yield point to break point, i.e., the
degree of strain hardening (slope of the curve) for the
Pre-1 and Pre-2 films and for the Anl-1 and Anl-2 films
were similar.

4.2.2. 90° deformation
At this orientation, since the ¢ axis (chain axis) in the
crystalline lamellae was more or less perpendicular to
the direction of the applied stress (SD), the deforma-
tion on the level of the crystalline lamellae and
amorphous layers, via lamellar separation, lamellar
shear and lamellar rotation, was significantly limited.
Therefore, the samples yielded sharply after a small
amount (3—5%) of iso-strain elastic deformation of the
crystalline phase and amorphous phase, and what
followed was the localized break-up (decrystallization)
of the crystalline lamellae, by transverse slip in the
crystal. During the decrystallization process, polymer
chains are pulled out of the crystalline lamellae and
realigned and recrystallized parallel to the SD, which
is perpendicular to the original MD. The pull-out of
the chains is basically a cold-drawing process and,
therefore, it occurred as a horizontal plateau in the
stress—strain curves at the 90° deformation.
However, the films based on the two resins behave
very differently. As shown in the stress curves, those
with a stacked lamellar morphology showed a large
degree of cold drawing, while those with a row mor-
phology showed only a very limited amount of cold
drawing. This difference can be explained by the differ-
ent kinds of morphology developed for the respective
films, as revealed by the transmission electron micro-
graphs shown earlier in Fig. 12. For the stacked lamel-
lar morphology, there is no rotation of the crystalline
lamellae in the un-necked region, and the chain pull-
out allows a deformation strain as high as 1000% for
the Pre-1 film (shown by the stress—strain curve). The
same lamellar break-up via chain pull-out has also
been noted by other workers [18,19]. However, it was
seen that the row-nucleated fibril structure in the
un-necked region was oriented along the SD, and such
a rotation of the shish structure has also been reported
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by Brady and Thomas [24] based on TEM studies on
specially prepared ultrathin and ultradrawn HDPE
films. It was speculated that the rotation of the row-
nucleated fibril structure is very limited; thus the cold-
drawn strain induced was also very small. Hence,
within this context, it seems that the crystalline net-
work model for the row morphology serves better to
explain the constrained rotation of the row-nucleated
fibril structures and associated stacked lamellae.

4.2.3. 45° deformation

As mentioned earlier, interlamellar shear was the
dominate deformation mode at the early stage of the
deformation at this orientation. Also this correspon-
ded to a larger observed yield strain and lower yield
stress, compared with the deformations at the 0° and
90° orientations. To accommodate the lamellae shear,
however, chain slip, either fine or coarse, takes place
through the sliding of tie chains, and this corresponds
to the yielding of the crystalline phase. A closer exam-
ination of the stress—strain curves at the 45° orienta-
tion indeed showed a hint of double yielding. Double
yielding has been reported previously for HDPE [80,
81], and in that case the two yield points were
speculated to originate from lamellar shear and the
subsequent deformation of the crystalline phase, re-
spectively.

In the process of yielding, lamellar rotation occur-
red as a result of lamellar shear and/or chain slip, and
the reorientation of polymer chains towards the SD,
which is 45° away from the original MD, as shown by
the WAXS patterns (Figs 8 and 9). At this stage of the
deformation, crystalline lamellae began to break up
owing to the competitive constraint between lamellar
shear and chain slip, as also proposed by Bevis and
Crellin [63]. The break-up of the crystalline lamellae
is essentially a cold-drawing process by chain slip
within the crystalline lamellae, in contrast with the
pull-out of chains in the case of the 90° deformation.
Indeed, the stress—strain curves showed a horizontal
plateau in this region of strain. It is interesting to note
that the cold-drawing stresses for the same sample at
these two stretch orientations (45° and 90°) were al-
most identical. However, the cold-drawing strains at
the 45° deformation seemed to be higher than at the
90° deformation (except for the pre-1 film), owing to a
greater degree of chain slip rather than chain pull-out.

4.3. Plastic deformation of spherulitic
morphology

Because of the complex arrangement of the crystalline
phase and amorphous phase in this particular crystal
texture, the deformation of a spherulite is highly het-
erogeneous, as already depicted earlier in Fig. 1. At the
polar region, the crystalline lamellae are deformed as
in the 90° deformation while, at the equatorial region,
the crystalline lamellae are deformed as in the 0° de-
formation; the inclined region in the spherulite re-
sembles the 45° deformation. Using the stress—strain
curves in Fig. 4 as a general guide, it can be conjec-
tured that the break-up of a spherulite occurs first in
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Figure 14 Schematic drawings that show the molecular mecha-
nisms and corresponding stress—strain curves for the stacked lamel-
lar morphology under the 0°, 45° and 90° deformations. (a), (c) and
(e) are from [14], from [2] and from [19], respectively, and (b), (d)
and (f) are drawn on the basis of the stress—strain curves in Fig. 4a.

the polar region since the 90° deformation results in
lamellar break-up at the smallest strain level, followed
by the splaying of the equatorial region where the
0° deformation lamellar separation causes the mater-

ials to yield by coarse slip with the formation of craze,
and by the distortion of the inclined region in which
the 45° deformation induces lamellar shear and lamel-
lar rotation. The above argument is supported by
direct observations from polarized optical microscopy
[16] and SEM [13, 58, 82].

However, large amounts of intercrystalline links
and geometrical constraints are expected between cry-
stalline lamellae within a spherulite [83] ; therefore,
the orientation dependence of the plastic deformation
in different regions of the spherulite is not as sharply
different as those noted here for the HDPE films with
stacked lamellar textures. Also, because of the often
prevalent twisting of the crystalline lamellae during
the growth of the spherulite [84], lamellar rotation
(untwisting) is believed to take place initially in all the
regions of the spherulite [16], and this results in
a small amount of initial homogeneous (pseudoaffine)
deformation of the spherulite.

The above discussion can be summarized by the
schematic drawings in Fig. 14, showing the deforma-
tion at the three angles for the stacked lamellar mor-
phology. For the 0° deformation (Fig. 14a [14]),
lamellar separation induces the fragmentation of the
stacked lamellae by chain slip, and this process is
shown as a strong strain-hardening event in the cor-
responding stress—strain curve (Fig. 14b). For the 90°
deformation, plastic strain is generated by lamellar
break-up via chain pull-out (Fig. 14e [19]), and this
event corresponds to a large amount of cold drawing
as shown in Fig. 14f. For the 45° deformation, the
mechanisms may include many molecular processes
such as chain slip, chain tilt and lamellar break-up
(Fig. 14c [2]), and the corresponding stress—strain
curve is also somewhat between those for the 0° and
90° deformation (Fig. 14d). Hence, while this deforma-
tion is more complex, it is probably more “generic” of
that observed for semicrystalline polymers having
a spherulitic morphology when deformed above its glass
transition temperature.

5. Conclusions

By carrying out plastic deformation studies on HDPE
films having well-defined stacked lamellar morpho-
logy, with and without row-nucleated fibril structures,
we have shown that the mechanical properties and
morphological changes are strongly dependent on the
orientation of the deformations. By comparing the
mechanical property obtained from tensile tests and
the deformation morphology from WAXS and TEM
at specific strain, a model structure—property invest-
igation has been presented.

Stretching parallel to the MD results in lamellar
separation and is followed by break-up of the crystal-
line lamellae via chain slip in coarse fashion. The
existence of the row-nucleated fibril structure increases
Young’s modulus in this particular orientation, but
the strengthening effect is reduced as deformation
proceeds, owing to the localized break-up of the
row structures. Stretching perpendicular to the MD
causes the crystalline lamellae to break up or to rup-
ture by chain pull-out. The effect of row-nucleated
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fibril structure is to alter pull-out of the chains into the
rotation of the row-nucleated fibril structure, and this
results in a large amount of cold drawing for the
stacked lamellar morphology and a small amount of
cold-drawing for those with distinct row-nucleated
fibril structures. When the stretching is between the
above two extremes, lamellar shear is the dominate
initial deformation mode, followed by chain slip which
can eventually cause lamellar break-up. The row-
nucleated fibril structure does not display a major
influence at this particular orientation.
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